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Precipitation of ﬁne intermetallic particles during conventional thermal aging can signiﬁcantly enhance
the mechanical properties of Al alloys. However, this method offers only limited strengthening in Mg
alloys as thermal aging usually leads to intermetallic particles that are too coarse in size and too sparse in
spacing. Dynamic precipitation during low-temperature deformation processing offers a chance to rectify
this limitation. In addition, mechanical processing often drives precipitation and recrystallization
concurrently, therefore, a careful analysis of their interaction and interdependent thermodynamic
driving forces is needed. Herein, we investigate dynamic precipitation and recrystallization in a coarsegrained, fully solutionized Mg-9wt.%Al alloy following low-temperature Equal Channel Angular Extrusion (ECAE) using electron microscopy, theoretical calculations, and mechanical property evaluations.
Through comparisons with conventionally aged samples, we ﬁnd that dynamic precipitation during
extrusion produces continuous, nanoscale Mg17Al12 particles within grain interiors with a high number
density and a low aspect ratio due to strain-induced, defect-assisted nucleation. We quantitatively
analyze the dislocation-accelerated nucleation rate, and the excess vacancy concentration in comparison
to the reports in Al alloys. We also ﬁnd a combined set of reactions that includes discontinuous precipitation and recrystallization along grain boundaries due to the extrusion process. The volume fraction
of the combined-reaction region that contains submicron Mg grains and submicron intergranular
Mg17Al12 particles grows as the number of passes increases. Using a thermodynamic analysis, we estimate the individual and combined driving forces for precipitation and recrystallization processes at grain
boundaries. We identify the chemical energy of the supersaturated Mg matrix as a major driving force for
the combined reactions, which indirectly promotes recrystallization and the formation of submicron Mg
grains. Our results offer key insights into the evolution of microstructure during dynamic precipitation
and recrystallization, and thus provide guidance for the design of improved microstructures in Mg alloys.
© 2019 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Precipitation of intermetallic particles can strengthen Mg alloys
via the Orowan effect [1e4], and great strides have been made in
the last few decades to characterize and understand such
strengthening in various Mg alloys [5e7]. Many of these advances
can be found in a review of aging studies in binary and ternary Mg
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alloys [1]. More recently, quaternary and even more complicated
alloys have been studied to further enhance precipitation
strengthening by combining multiple types of precipitates or
through the formation of Guinier-Preston zones [8,9]. However,
despite these efforts, precipitation hardening remains less effective
in Mg alloys than in Al alloys [1,3]. Part of this difference is attributed to the fact that through conventional aging heat treatments,
Mg alloys produce a low number density of precipitates and morphologies (i.e., aspect ratio and geometrical shape) that are poorly
suited for blocking dislocation motion [10,11]. For example, Celotto
et al. measured a number density of 109 to 1010mm3 precipitates
in Mg-Al alloys aged above 150  C [11], which falls far below the
precipitate densities of 1012 to 1013mm3 found in commercial Al
alloys [12,13]. In addition, Nie et al. argue that the shape and
orientation of some precipitates reduce dispersion strengthening in
Mg alloys [10]. Therefore, increasing the number density and
manipulating the morphology of precipitates in Mg alloys should
improve their ability to block dislocations and provide further
strengthening.
A common theme in the study of nucleation and growth [14] is
the argument that lowering the aging temperature for any agehardenable alloy favors the nucleation of stable intermetallic particles over the growth of the particles. A lower aging temperature
increases the driving force for nucleation and therefore, in principle, can enhance nucleation rates. A lower temperature also reduces atomic diffusivity and therefore decreases the rate of
precipitate growth. However, reducing aging temperatures creates
other challenges. A substantial reduction in aging temperature can
lower atomic diffusivity so much that peak aging times become
unacceptably long. For example, it takes more than 10,000 h for
AZ91 to reach its peak aged condition at 70  C [11]. Ideally, one can
signiﬁcantly enhance nucleation within grain interiors by mechanical processing at low temperatures where precipitate growth
is suppressed. Earlier studies have suggested that crystal defects
can enhance nucleation rates by offering a high density of heterogeneous nucleation sites [14,15] and fast paths for atomic clustering
via rapid diffusion kinetics [16e18]. These processes have enabled
dynamic precipitation during the mechanical processing of Mg alloys at relatively low temperatures, as reported in recent studies
[19e21]. For instance, Sasaki et al. reported a precipitation
strengthened Mg-Sn alloy with a yield stress of 308 MPa following
extrusion at 250  C [19].
While dynamic precipitation during low-temperature mechanical processing has the potential to offer signiﬁcant advantages, the
understanding of dynamic precipitation in Mg alloys is limited
compared to conventional aging processes [22]. Naturally, a brief
review of dynamic precipitation in Al alloys can offer valuable insights. Deschamps et al. showed that dynamic precipitation kinetics are much faster than those of static precipitation, potentially
due to dislocation slip-induced local atomic rearrangements
[23,24]. Later, excess strain-induced vacancies were found to play a
critical role in precipitate coarsening as well [25,26]. Recently,
vacancy-assisted and dislocation-disrupted precipitation were reported during cyclic straining, enabling the same strengthening
seen for much longer thermal treatments in Al alloys [27,28].
Therefore, strain-induced defects, including dislocations and vacancies, can inﬂuence both nucleation and growth in Al alloys. A
similar inﬂuence is anticipated for precipitation in Mg alloys, yet
differences exist for the two alloy systems. For instance, Mg has a
higher vacancy formation energy, a lower vacancy migration energy [29] and plastically is more anisotropic compared to Al, all of
which will alter the relative impact of the excess vacancies and
dislocations that are produced during straining. Therefore, more
effort is needed to establish a quantitative understanding of precipitate nucleation and growth in Mg alloys during low-

temperature mechanical processing.
In addition to the dynamic formation of precipitates, heavily
deformed grains can recrystallize during mechanical processing, as
commonly observed during the hot deformation of Mg alloys
[30e33]. Of interest is how intermetallic particles and excess solute
impact the driving forces and mechanisms of recrystallization and
how the overall microstructure evolves during thermo-mechanical
processing, particularly in heavily alloyed Mg alloys. Some previous
studies report that pre-existing, large intermetallic particles can aid
recrystallization by impeding dislocation slip [34], whereas other
studies provide evidence that ﬁne particles can retard recrystallization [35,36]. All studies agree, though, that intermetallic particles
slow the growth of recrystallized grains by pinning their boundaries [37,38]. Most of these experimental studies were undertaken
with samples that contain precipitates at the start of mechanical
processing and thus they do not capture the earliest stages of
microstructure evolution from a large-grained, fully solutionized
state to one with many precipitates, and then eventually to one
with ﬁne grains and coarser precipitates. Since both precipitation
and recrystallization can occur in a matrix that is heavily deformed
and supersaturated, understanding their competitive interaction is
important and deserves additional examination.
To explore the combined effects of precipitation and recrystallization in Mg alloys, we thermo-mechanically processed a model
binary alloy that avoids the multiple intermetallic phases
commonly found in commercial Mg alloys. We performed slow,
low-temperature, Equal Channel Angular Extrusion (ECAE) [39] on
a fully solutionized and quenched Mg-9wt.%Al alloy, hereafter
denoted as A9. Given that an A9 alloy will facilitate the formation of
both continuous precipitation within grain interiors and discontinuous precipitation at grain boundaries [40e42], the alloy also
offers the chance to evaluate the effects of the dynamic extrusion
process on both precipitation modes. The fully solutionized state
also provides a precipitate-free starting condition for fundamental
studies of dynamic precipitation and recrystallization. Parallel
conventional aging was conducted at the same process temperature of 150  C, to help reveal and identify the essential differences
between dynamic mechanical processing and conventional aging.
In turn, we employed a combination of predictive thermodynamic
calculations, intensive electron microscopy, and mechanical property characterizations to elucidate and differentiate the distinct
aspects of dynamic and conventional precipitation, as well as to
delineate the competition and interaction between the dynamic
processes of precipitation and recrystallization within grain interiors and at grain boundaries.

2. Materials and methods
The as-cast binary A9 alloy was purchased from Magnesium
Elektron North America (MENA), Madison, IL, and its chemical
composition was veriﬁed by optical emission spectroscopy; the
results of the analysis are listed in Table 1. The as-received ingots
were found to be randomly textured with precipitates within the
bulk. To create and start with a precipitate-free and well-controlled
material, the as-received ingots were subjected to warm-rolling
and solution treatment, as shown in Fig. 1. The ingots were
warm-rolled at ~325  C with a 60% thickness reduction to generate

Table 1
Chemical compositions of the raw material.
Chemical Analysis in Weight Percent (wt.%)
Al
9.04

Cu
0.0003

Mn
0.0036

Zn
0.0006

Ni
0.0006

Si
0.0045

Fe
0.0064

Mg
Balanced
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properties of the alloys after both extrusion and conventional aging. For the Vickers hardness testing, we used a four-sided diamond
pyramid indenter with an applied load of 500 g and a loading time
of 30 s. In the nanoindentation testing, a Berkovich tip was
employed to indent samples to a 200 nm depth with a constant
strain rate of 0.2s1. To ensure repeatability, each reported hardness
value was based on the average of at least 10 indents.
3. Results
3.1. Initial microstructure prior to ECAE

Fig. 1. Schematics of the sample processing routes including warm-rolling, solution
treatment, and ECAE. Microscopic characterizations were performed by viewing
perpendicular to the shear plane (the yellow dashed line). (For interpretation of the
references to color in this ﬁgure legend, the reader is referred to the Web version of
this article.)

a strong basal texture. The as-rolled sheet was then solutiontreated at 450  C for 24 h with a protective argon gas ﬂow, followed by quenching in ice water to avoid precipitation.
Rectangular-shaped billets with a size of 6.35  6.35  15 mm were
cut from the center of the solution-treated sheet for ECAE
processing.
Samples were extruded using one, two, and four passes of route
A at 150  C using a small, right-angle ECAE tooling system with a
6.35  6.35 mm channel cross-section. The extrusion rate was
0.15 mm/min, and a backpressure of 0.45 MPa was applied. Note
that the basal pole (labeled as c-axis) of the solution-treated sample
was pointed along the extrusion axis, as shown in Fig. 1. Prior to
extrusion, the ECAE die and the sample were heated to 150  C for
20e30 min, with each pass taking approximately 2 h to complete.
In parallel, several samples from the solution-treated sheet were
conventionally aged at 150  C for up to 500 h, including shorter
treatment times of 2, 4, and 8 h (as shown in the top right of Fig. 1),
for comparison with the dynamically processed samples.
Symmetric X-ray diffraction (XRD) analysis was performed on
the solution-treated and extruded samples using a Bruker D8 Focus
Diffractometer to reveal the existence and evolution of precipitates
in the bulk. Two-theta was scanned from 30 to 80 with a step size
of 0.003 and a dwell time of 0.5 s. Electron backscatter diffraction
(EBSD) mapping was employed to characterize the grain size and
texture prior to and after ECAE. The overall morphologies of the
precipitates in samples following 1, 2 and 4 passes were studied by
backscatter electron imaging in a scanning electron microscope
(SEM) (TESCAN MIRA3 ﬁeld-emission). The morphology and
orientation of the precipitates, precipitate-matrix grain relationships, and dislocation-precipitate interactions were investigated
using transmission electron microscopy (TEM).
Postmortem microscopy samples were sectioned parallel to the
shear plane of the ECAE system. As such, the viewing direction was
perpendicular to the shear plane, as shown in the bottom-right of
Fig. 1. Samples ﬁrst were cut from the billets or rolling sheet via a
diamond wire saw, mechanically ground using silicon carbide
polishing paper, and then polished with a water-free silica colloidal
suspension. The SEM/EBSD samples then were cleaned using ionmilling prior to observation in the SEM. TEM foils with a ﬁnal
thickness of ~50 mm were ion-mill perforated and cleaned on a cold
stage at a temperature of 100  C. TEM observations were undertaken in an FEI Tecnai 12 TWIN TEM operated at 100 kV and an FEI
Tecnai F30 TEM operated at 300 kV.
Vickers microhardness and nanoindentation measurements
were conducted to assess the global and local mechanical

The initial microstructure of the solution-treated sample is
illustrated in Fig. 2. Fig. 2(a) presents the XRD pattern obtained
from a plane normal to the transverse direction (TD), where only
peaks for the major Mg phase appear and peaks for precipitate
phases are absent. Note that the {0002} Mg peak is missing due to
the strong texture induced by the warm-rolling. The strong texture
is more evident in the pole ﬁgures shown in Fig. 2(b), where the
basal pole is normal to the rolling direction. Analysis of the inverse
pole ﬁgure (IPF) mapping yields a number average grain size of
236 ± 67 mm after solution treatment. The color code difference
across neighboring grains indicates the high-angle nature of most
grain boundaries, and the misorientation proﬁle (Fig. S1 in Supplementary Material) conﬁrms this assertion. Since a very small
population of precipitates may not be detectable in XRD scans, due
to their weak diffraction intensities [43], a more detailed examination via TEM was undertaken to verify their existence or absence
after the solution treatment. Fig. 2(c) and (d) are representative
TEM micrographs taken from the grain interior and a high-angle
grain boundary region, respectively, in the solution-treated sample, showing no trace of precipitates at either location. Based on
these microstructural characterizations, two key beneﬁts of the
solution-treated samples are worth noting for this study of dynamic precipitation and recrystallization: (a) a clean starting
microstructure that is free of precipitates; (b) a strong basal texture
and a consistent initial orientation of the sample during ECAE
processing.
3.2. Bulk microstructure evolution during ECAE
The evolution of the A9 microstructure following ECAE was
examined using XRD and SEM/EBSD to investigate the generation
of precipitates and the evolution of the matrix microstructure.
Fig. 3(a) depicts the XRD patterns for the extruded samples after
the ﬁrst, second, and fourth passes, where the primary diffraction
peaks of the Mg and Mg17Al12 intermetallic precipitate phases are
labeled by open and closed circles, respectively. Evidence of precipitation following the ﬁrst pass is seen within the inset in
Fig. 3(a), with the appearance of the peaks attributed to the
Mg17Al12 phase. These peaks intensify after the second and fourth
passes, and the intensity ratio of the intermetallic and matrix peaks
suggests a degree of precipitate saturation following the second
pass. In Fig. 3(b), the matrix peaks are seen to split and shift to
lower angles as the number of passes increases, as highlighted by
the dashed ﬁducial lines. We attribute the peak split and shift to a
difference in the concentration of Al within the original, large
matrix grains after continuous precipitation and the new, smaller
matrix grains following the combined processes of discontinuous
precipitation and recrystallization. In contrast, the precipitate
peaks do not split or shift, regardless of the number of passes. The
observed splitting and shifting of the Mg peaks were also evidenced
in an earlier report, but to a lesser extent than seen here [44]. Also,
the relative intensity of the matrix peaks in Fig. 3(b) varies from the
ﬁrst, to the second, and to the fourth-pass sample, indicating that
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Fig. 2. Characterizations of the warm-rolled and solution-treated sample: (a) XRD pattern to examine the global nonexistence of precipitates; (b) transverse direction view of EBSD
IPF mapping and (0001) and ð1010Þ pole ﬁgures of the sample, visualizing the grain size and initial texture; and (c) grain interior and (d) grain boundary TEM micrographs to
conﬁrm the lack of precipitates after warm rolling and solution treatment.

the overall texture is evolving during ECAE processing, which is
veriﬁed by the pole ﬁgure and IPF maps in Fig. 3(c), (d), and (e). The
basal pole in the ﬁrst-pass sample aligns with the normal to the
ECAE shear plane and becomes inclined towards the shear plane in
the second-pass and fourth-pass samples due to the sample reorientation. This texture evolution deviates slightly from earlier
studies [45,46], presumably due to the low extrusion temperature
and signiﬁcantly slower extrusion rate. Most striking in
Fig. 3(c)e(e) is the breakdown of many of the initially very large
200e300 mm grains. The remaining, large grains are severely
elongated after the fourth pass, which agrees with the general
expectations for route 4A processing [47]. The volume fraction of
material corresponding to nonindexed (in Fig. 3(c) and (d)) and
misindexed (in Fig. 3(e)) points rises signiﬁcantly as the number of
passes increases. These points are located along grain boundaries
and later are identiﬁed as submicron recrystallized Mg grains, as
well as the submicron intermetallic Mg17Al12 particles that are
extremely difﬁcult to resolve by EBSD. This microstructure results
from the combined reactions [48,49] of discontinuous precipitation
and recrystallization along grain boundaries. Hereafter, we refer to
this composite microstructure as the combined-reaction region.
Fig. 4 depicts a series of backscatter electron micrographs and
energy-dispersive X-ray spectroscopy (EDS) maps for the samples
after one, two and four passes, showing the formation and development of the combined-reaction region along grain boundaries in
the bulk. Fig. 4(a), (d), and (g) are raw SEM images where deformation bands are induced by extrusion. Enhanced by a standarddeviation ﬁlter, Fig. 4(b), (e), and (h) highlight the regions with
high contrast arising from the combined-reaction region that is
distributed with a river-like morphology. Fig. 4(c), (f), and (i) are
enlarged views of the corresponding micrographs shown on their
left. Inside the combined-reaction region are bright Mg17Al12 grains
that measure hundreds of nanometers and have an almost equiaxed morphology, regardless of pass number. EDS mapping at the

bottom of Fig. 4, namely, 4(j), (k), and (l), further conﬁrms the
precipitation of the intermetallic particles by revealing a local
accumulation of the Al solute in the combined-reaction region.
3.3. Dynamically processed versus conventionally aged samples e
TEM observations of the precipitates
Fig. 5(a), (b), and (c) are TEM micrographs from the ﬁrst-pass
sample, while Fig. 5(d) and (e) are from the conventionally aged
sample. Note that both samples have spent an approximately
equivalent amount of time at 150  C. In the dynamic case, ﬁne
particles with dimensions measuring tens of nanometers have
nucleated and grown within the large matrix grains. Our previous
SEM images could not detect them as they were below the resolution limit of the instrument. This continuous precipitation is not
witnessed in every single grain, as shown in Fig. 5(a) and (b), where
grains A and B are neighboring grains with ~10 of misorientation.
The distribution of precipitation is also not uniform across the large
grains. In contrast, Fig. 5(d) and (e) are representative micrographs
from the sample that was conventionally aged for 2 h, showing
regions in the grain interior and at the grain boundary. Unlike the
extruded samples, no precipitation is observed in the grain interiors of the many grains that were examined, while a few
discontinuous precipitates are seen along some grain boundaries.
Fig. 5(c) is a micrograph of a grain boundary in the dynamically
processed, ﬁrst pass sample, corresponding to the features shown
via SEM in Fig. 4(c). Different from pure discontinuous precipitation
in conventional aging, where cellular precipitates are embedded in
a large single matrix grain at grain boundaries, both submicron Mg
grains and slightly smaller intermetallic particles develop in this
region. This is even more prominent in the second- and fourth-pass
samples. Thus, both discontinuous precipitation and recrystallization, i.e., a combined reaction [48], occurs at grain boundaries
during the extrusion. Examination of multiple grain boundaries
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Fig. 3. (a) XRD patterns of ECAE-ed samples after the ﬁrst, second, and fourth passes with dashed ﬁducial lines corresponding to the three major peaks from the intermetallic phase,
Mg17Al12. Inset is a local magniﬁed view to show the intermetallic peaks in the ﬁrst-pass sample. (b) Magniﬁed patterns for the three major peaks from the Mg matrix, showing a
signiﬁcant peak shift. (c) (d) (e) IPF mapping of the sample after the ﬁrst, second, and fourth passes of ECAE processing on the viewing plane in Fig. 1 and the corresponding pole
ﬁgures.

veriﬁes that not all of them contain a combined-reaction region
after the ﬁrst pass.
After the second pass, continuous precipitation can be seen in all
grain interiors, as demonstrated in Fig. 5(f) and (g). The large Mg
grains were viewed along the < 1120 > axis for the second- and
fourth-pass samples due to the changing texture of the extruded
material; see Fig. 3 for the altered texture. As a result, we can
observe plate/lath-shaped precipitates with large dimensions along
the matrix basal plane, although their aspect ratios vary from grain
to grain, as one can see by comparing Fig. 5(f) and (g). In addition to
the formation of continuous precipitates in all grain interiors, the
combined-reaction region is seen to expand along and into the
grain boundaries. Sharp interfaces between the original coarsegrained phase and the combined-reaction region are generated,
as shown in Fig. 5(g). A lower magniﬁcation micrograph of the
combined-reaction region is presented in Fig. 5(h), where the
occurrence of recrystallization is further conﬁrmed by the relatively
low dislocation contrast of the grains. Using images such as these
we conﬁrmed that the Mg17Al12 particles are three times smaller
than the Mg grains. The average size of the intermetallic particles is
162 ± 37 nm, while the new matrix grains average 553 ± 83 nm
(also see size distribution in Fig. 13(a)). As a comparison, continuous precipitates are rarely seen in the sample that was conventionally aged for 4 h, as shown in Fig. 5(i). However, discontinuous
precipitates are observed frequently along the grain boundaries,
and they expand and propagate into the grains from one end to
form a lamellar duplex structure (Fig. 5(j)).
After the fourth pass, as shown in Fig. 5(k) and (l), all continuous
precipitates in the grain interiors exhibit a relatively low aspect-

ratio shape. Additionally, precipitates with a more equiaxed
shape are found in certain locations of the sample, as seen on the
left side of Fig. 5(l). The size of such particles is much ﬁner
 ska-Malik et al.
compared to the previous observation by Braszczyn
[50]. Fig. 5(l) also represents a clear interface between a coarse Mg
grain and a combined-reaction region, which is similar to the
observation following the second pass. The relative sizes of the new
Mg grains and the intermetallic particles in the combined-reaction
region change little compared to those after the second pass, as
shown in Fig. 5(m). This suggests that the sizes of the dynamically
recrystallized grains are associated more with the processing
temperature and applied strain rate and less so with the total time
of extrusion or the total imposed plastic strain [51]. In contrast, for
the 8-h, conventionally aged samples in Fig. 5(n), most grains still
remain free of the continuous precipitates, while the discontinuous
precipitates have developed an extensive lamellar structure that is
spreading into the bulk, as shown in Fig. 5(o).
3.4. Dynamically processed versus conventionally aged samples:
micro- and nano-indentation results
Fig. 6 compares the hardness values of the dynamically processed and conventionally aged samples. The Vickers microhardness indentations covered an area large enough to contain both
grain interior and grain boundary regions and thus reﬂect the bulk
properties of the samples. As shown in Fig. 6(a), the microhardness values of the dynamically processed samples are higher than
those of the conventionally aged ones following similar times at
150  C. The fourth-pass, extruded sample is still ~25% harder than
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Fig. 4. Bulk microstructure characterization after the ﬁrst, second, and fourth passes of ECAE processing. (a), (d) and (g) Backscatter electron imaging micrographs of samples to
distinguish the microstructure at grain boundaries. (b), (e), and (h) A standard local deviation ﬁlter is applied to enhance the contrast and demonstrate the microstructure features
at boundaries. The brighter contrast corresponds to the combined-reaction region. (c), (f) and (i) Magniﬁed views of the highlighted box in (b), (e) and (h). (j), (k) and (l)
Representative EDS mapping of the contrast features along grain boundaries.

the conventionally peak-aged sample which is heat treated twelve
times longer at 150  C.
In addition to evaluating the bulk hardness, we differentiate
between the relative hardness of the grain interiors and the grain
boundary regions using nanoindentation. The histogram in Fig. 6(b)
shows the site-speciﬁc nanoindentation hardness results taken
from grain interiors and grain boundary regions alone. Only the
fourth-pass ECAE sample and the conventionally peak-aged sample
were tested because they represent the maximum-attainable
hardness values under the dynamic and conventional cases,
respectively. Both the grain interior and grain boundary microstructures are harder in the dynamically processed sample
compared to the conventionally aged counterpart. Speciﬁcally, the
grain interiors in the dynamically processed sample are approximately twice as hard as the conventionally aged grain interiors, and
the grain boundary regions are more than twice as hard in the
extruded sample compared to those in the conventionally aged
sample.
4. Discussion
4.1. Interpreting the global and local indentation results
Based on the microhardness values in Fig. 6(a), the extrusion
process hardens the fully solutionized A9 alloy more effectively
than conventional peak aging. We suggest that four factors are

responsible. One is strain hardening that is present in the extruded
samples and not in the conventionally aged samples. The second is
a higher solute content in the grain interiors of the extruded
samples. The third is the formation of a higher number density of
ﬁner precipitates via extrusion, compared to fewer and coarser
precipitates in the conventional-peak-aged sample. The fourth and
ﬁnal factor is the creation of submicron matrix grains and intermetallic particles at grain boundaries during extrusion. We explore
the impacts of all four microstructural differences using the
nanoindentation data. Before doing so, though, we note that for the
extruded sample the nanoindentation hardness values are higher
on average than the microhardness values, while the opposite is
true for the conventional-peak-aged sample. These differences in
absolute values for the two tests methods might be due to user bias
during testing or distinctive indentation-size-effect responses for
the two microstructures [52]. Regardless of the source, though, we
focus on comparing hardness values in each data set for the two
sample types and we refrain from comparing the microhardness
and nanoindentation hardness values directly.
The nanoindentation results in Fig. 6(b) show that the grain
interiors are approximately twice as hard in the fourth-pass
extruded samples compared to the conventional peak aged samples. The ﬁrst three factors noted above are responsible for this
difference in hardness. Following ECAE processing, dislocation
densities can rise as high as 1014 to 1015m2 [53,54]. Even if most of
the dislocations are located near the grain boundaries, some will
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Fig. 5. TEM observations of microstructures in the dynamic and conventional aging cases under equivalent processing and aging times. The dynamically processed specimen is
viewed close to the <0001> zone of the matrix after the ﬁrst pass and the < 1120 > zone after the second and fourth passes. Note that the grain boundary in Fig. 5(e) appears thick
due to the inclined projection on the viewing plane in the TEM.

Fig. 6. (a) Microhardness measurements of conventionally aged and dynamically processed samples as a function of time at 150  C. (b) Site-speciﬁc nanoindentation hardness in
grain interiors and at grain boundaries in ECAE fourth-pass and conventionally peak-aged samples. Each error bar is the standard deviation resulting from 10 indentation
measurements.

reside within the grain interiors as shown in Fig. 8 and can inhibit
deformation, raising the hardness of the unrecrystallized grain
interior, compared to the undeformed, grain interior in the conventional peak aged sample. As shown by the X-ray data in Fig. 3,
and explained in detail later, the Mg matrix is still supersaturated
with Al after four extrusion passes, while it will have very little
supersaturation after more than 100 h of conventional aging at
150  C. The higher Al solute content will solution harden the
extruded grain interiors relative to those of the peak-aged sample.
Lastly, a signiﬁcant difference in precipitate size and density is
likely the most important factor in explaining the higher hardness
in the extruded grain interiors. To highlight this difference, Fig. 7
compares the precipitates in the fourth-pass ECAE sample to
those in the conventionally aged sample. Fig. 7(a) and (b) are
representative TEM micrographs for the two cases, both viewed
from the < 1120 > axis. The interspacing and aspect ratio of the
precipitates in the dynamically processed sample are signiﬁcantly

smaller than those of the conventionally aged sample, as veriﬁed by
the distribution statistics of more than 200 precipitates in Fig. 7(c)
and (d). The TEM foil thickness is experimentally determined as
145 ± 20 nm (Section 6 in the Supplementary Material). Thus, the
number density of the continuous precipitates per unit volume (Nv)
can be estimated as 1.5 ± 0.2  1011mm3 for the conventionally
aged sample. In contrast, Nv measures 1.5 ± 0.2  1012mm3 in the
fourth-pass ECAE sample, about one order of magnitude higher. The
higher number density and the lower aspect ratio of the Mg17Al17
particles will strengthen the A9 alloy more effectively [10].
Together these three factors explain the observed hardness gap
between the grain interiors in Fig. 6(b) for the two sample types.
While higher strain hardening, solute strengthening, and precipitate strengthening can explain the difference in the hardness of
the grain interiors in Fig. 6(b), they alone do not fully explain the
sharp rise in the microhardness as the number of passes increases.
As shown in Figs. 3 and 4, the volume fraction of the combined-
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regions at grain boundaries are ~ 70% harder than the grain interiors that have not recrystallized. The higher hardness is attributed to the massive reﬁnement of the Mg grains and the hardness
of the Mg17Al12 particles. The increasing volume fraction of the
harder combined-reaction region explains why the microhardness
rises in Fig. 6(a) with increasing extrusion pass.
4.2. Dynamic continuous precipitation in grain interiors

Fig. 7. Statistical analysis of precipitates from the conventionally peak-aged and ECAE
fourth-pass samples. (a) (b) Representative TEM micrographs, both viewed from
the < 1120 > zone axis. (c) Cumulative probability of the observed spacing. (d) Cumulative probability of the observed aspect ratio.

Fig. 8. (a) A representative bright-ﬁeld TEM micrograph under two-beam condition
near the <0001> zone in the ﬁrst-pass sample, showing a profuse generation of dislocations in the grain interior. (b) Another bright-ﬁeld micrograph of a precipitated
grain in the ﬁrst-pass sample, demonstrating the interconnection between precipitates
and dislocations. Note the curvatures of dislocations are close in (a) and (b), i.e., dislocations are assisting the nucleation of precipitates rather than bowing between
them. (c) A high-resolution TEM micrograph of a precipitate in the ﬁrst-pass sample,
inside what is a dark, strained region in the center left. (d) Inverse FFT analysis of the
highlighted strained region in (c) to visualize the dislocation component projected
onto the basal plane.

reaction region increases signiﬁcantly on moving from one to two
and then to four passes. This region contains submicron Mg grains
with few dislocations, a near equilibrium concentration of Al. The
discontinuous precipitates are located outside the Mg grains and
thus do not offer precipitate strengthening of the matrix grains, but
they do provide strengthening as a hard second phase. The nanoindentation data in Fig. 7(b) indicates that the combined-reaction

Precipitation is a phase transformation process that involves
nucleation and growth. Thus, the dearth of Mg17Al12 particles
within grain interiors in the sample that was conventionally aged
for 8 h at 150  C (Fig. 5) indicates a very low nucleation rate. The
much higher density of nanometer-scale continuous precipitates
that is found in the dynamically-processed sample at the same
temperature and for approximately the same length of time (Figs. 5
and 7), indicates a far higher nucleation rate and a lower nucleation
barrier. Meanwhile, the lower aspect ratio and narrow interspacing
suggests that the growth or coarsening of the continuous precipitates is limited during straining.
Strain-induced defects, including dislocations, vacancies, twin
boundaries, etc., can serve as heterogeneous nucleation sites by
lowering the barrier for Mg17Al12 nucleation [14,55]. They also
promote the diffusion kinetics for precipitation nucleation and
growth. In this section, we ﬁrst address the role of dislocations on
precipitate nucleation as the ECAE process usually imposes a relatively higher plastic strain (~115% per pass) and injects a high
density of dislocations, compared to regular tension/compression
straining. Second, we evaluate the steady-state excess vacancy
concentration during extrusion and compare it to recent dynamic
precipitation studies on Al alloys to assess the relative importance
of dislocations and vacancies in Mg alloys. Twins are not observed
often in the resulting microstructures. Thus, twin boundaries will
not be considered here. Before detailing the impact of these two
defects, we note that the concurrent shearing deformation may
affect the precipitate growth process by bending, tilting and, even
possibly fragmenting the highly-elongated precipitate particles
during the subsequent 4A route passes, which partially contributes
to the observed low aspect ratio and narrow spacing in Fig. 7(a). We
show a TEM observation of such effect in Section 4 of the
Supplementary Material.
4.2.1. Dislocation-assisted precipitate nucleation
The ECAE process generates a relatively high dislocation density
after one extrusion pass, as seen in the interior of a representative
grain in Fig. 8(a). Further image analysis reveals a dislocation
density of 1.4 ± 0.2  1014m2 (see Section 7 in the Supplementary
Material). It is important to note that this value provides a lower
limit for density as the diffraction condition is incapable of
capturing all dislocations in the ﬁeld. Fig. 8(b) presents a local area
in which multiple dislocation lines intersect precipitate embryos as
indicated by the yellow arrows. Given these dislocations are not
bowed between the precipitates, their position relative to the
Mg17Al12 particles is likely an outcome of dislocation-assisted
nucleation rather than dislocation pinning by pre-existing particles. A high-resolution TEM micrograph in Fig. 8(c) shows the
projection of a small precipitate particle, where a dislocation core,
featured by dark strain contrast, is embedded in the top-left section
of the particle. The Fourier transform image analysis in Fig. 8(d)
clearly demonstrates that an <a> component dislocation core is
residing in the center of the highlighted box shown in Fig. 8(c).
Therefore, we suggest that the high dislocation density introduced
during ECAE processing dramatically boosts the heterogeneous
nucleation of precipitates.
To quantitatively estimate the impact of dislocations on
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precipitate nucleation rates, we predict the increase in the nucleation rate using classical nucleation theory. Several assumptions
are adopted: (1) only pure edge dislocations are considered; (2)
dislocations are stationary to allow sufﬁcient solute segregation;
(3) the elasticity is isotropic; (4) the nuclei are spherical; (5)
coherent nucleation dominates the nucleation stage; (6) and
nucleation in regions far away from dislocations is homogeneous.
Further discussion and justiﬁcation of these assumptions are
detailed in Section 2 of the Supplementary Material.
The formation energy of a precipitate in a matrix is given by

DG ¼ VðDgv þ Dgs Þ þ As

(1)

where Dgv is the volumetric chemical driving force, Dgs is the misﬁt
elastic strain energy of the precipitate nucleus in the matrix, s is the
interfacial energy, and V and A are the volume and surface area of
the nucleus, respectively.
The chemical driving force Dgv can be extracted from accurate
ﬁrst-principles calculations. Fig. 9(a) shows the free energies of the
a and g phases at 150  C, obtained using the thermodynamic
calculation software PANDAT [56] and based on density functional
theory (DFT) calculation results [57]. The driving force of the g
phase nucleation in an a-matrix with an A9 composition is shown
by line section AB, assuming a uniform solute distribution in the
sample. In addition, the two common tangent points are 1.85% and
41.4%. The elastic strain energy Dgs for a coherent precipitate nucleus is given by Ref. [58].
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DG ¼ VðDgv þ Dgs Þ þ As þ W1 þ W2

where W1 and W2 account for dislocation-precipitate interaction
energies. W1 is the interaction of the stress ﬁeld of the dislocation
with the strain ﬁeld of the nucleus. W2 is the so-called modulus
effect and its contribution is insigniﬁcant when the shear moduli of
the matrix and the precipitate are of the same order of magnitude
[62]. In our binary system, the shear moduli of the matrix and the
precipitate, 18 and 25 GPa, respectively, are close [63,64] and W2
can be reasonably neglected compared to the W1 term (see Section
3 of the Supplementary Material).
The analytical form for W1 is available for a spherical precipitate
nucleus. According to Dollins and Barnett [62,65],

W1 ¼ V

Gm bε

p

9K p
sinðqÞ
¼ Vw1
þ 4Gm Þ r

ð3K p

2Gð1 þ yÞ 2
ε
ð1  yÞ

(2)

where G is the shear modulus, y is Poisson's ratio, and ε is the misﬁt
parameter deﬁned as (vp e vm)/3vm, where vp and vm are average
atomic volumes of the precipitate and the matrix, respectively.
Finally, the interfacial energy can be expressed as s ¼ s0 ðcp  cm Þ2
[59], where s0 is a constant, and cp and cm are the concentrations of
the precipitate and matrix, respectively. For this system, c0p ¼ 0.41
and c0m ¼ 0.09. The constant s0 is chosen to be 200 mJ/m2. This
value of s0 corresponds to a normal coherent interface, and it is
consistent with values used in phase ﬁeld calculations of g-precipitation [60]. It is also close to the value 114 mJ/m2, which was
extracted by ﬁtting the continuous precipitation nucleation experiments in AZ91 alloys at 200  C to a classical nucleation model
[61].
Considering the effect of a dislocation on precipitate nucleation,
the formation energy can be rewritten as

(4)

where K is the bulk modulus, b is the Burgers vector, and superscripts m and p represent the matrix and the precipitate, respectively. w1 is the interaction energy per unit volume. Variables q and
r are the cylindrical coordinates of the center of the precipitate
nucleus on the plane normal to the dislocation (Fig. S3(a)). The
origin of the plane is located at the dislocation core. Assuming a
spherical shape, the critical nucleus radius R* and the nucleation
barrier DG* can be obtained by minimizing DG in Eq. (3) with
respect to the nucleus radius R. In this case, we ignore W2 so R* and
DG* can be solved as

R* ¼ 2s=ðDgv þ Dgs þ w1 Þ

Dgs ¼

(3)

(5)

and

.

DG* ¼ 16ps3 3ðDgv þ Dgs þ w1 Þ2

(6)

All energy terms above are functions of the solute concentration
and are affected by solute segregation around a dislocation, that is,
a Cottrell atmosphere. The Cottrell atmosphere can be evaluated by
-Cahn (LC) model [66e69]. Details are elaborated in
the Larche
Section 3 of the Supplementary Material.
Fig. 9(b) shows the calculated solute segregation and its effect
on different energy terms. It should be noted that pressure and
chemical proﬁles in the region close to the dislocation core (10 Å)
are not reliable because continuum elasticity theory breaks down
in the core region. Notably, solute segregation near the dislocation
increases the driving forces, Dgv and w1, and reduces the energy
penalties associated with strain energy, Dgs, and interfacial free
energy, s, and thereby facilitating the precipitate nucleation. The
critical nucleus radius R* and the nucleation barrier energy DG* due

Fig. 9. (a) Gibbs free energy as a function of composition for the a phase and the g-Mg17Al12 phase at 150  C (423 K). Driving forces for matrices with A9 composition are shown. (b)
The interfacial free energy s, the chemical driving force Dgv, the misﬁt strain energy Dgs, and the dislocation effect w1, as functions of y at x ¼ 0 (Fig. S3(a)). (c) The critical radius R*
and the nucleation barrier DG* as functions of y at x ¼ 0 (Fig. S3(a)).
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to solute segregation effect are also shown in Fig. 9(c). The critical
radius R* is in the range of 10 to 30 Å (outside of dislocation core
region), and DG* is about 9.4  1018 J at a distance of 200 Å from
the dislocation core. The magnitudes of these values agree well
with other intermetallic nucleation studies [70,71]. Both R* and DG*
are reduced signiﬁcantly near the edge dislocation in the
compressive region, where Al solute atoms are expected to segregate. The change of critical nucleus size R* is comparable to similar
calculations performed by Ref. [72]. R* and DG* calculated using a
different s0 ¼ 114 mJ/m2 [61] are also shown in Fig. 9(c) for comparison. Both R* and DG* are very sensitive to the interfacial free
energy. Nevertheless, the precipitation nucleation barrier is
signiﬁcantly reduced in both cases by the presence of the edge
dislocation.
Based on classical nucleation theory, the nucleation rate, dN/dt,
can be expressed as [61]:



dN
DG*
yN0 Z bexp
dt
kB T

(7)

where N0 is the number of atoms per unit volume, Z is Zeldovich
factor (~0.05), and b is the frequency factor. For heterogeneous
nucleation induced by dislocations, the value of N0 is reduced to the
number of atoms near dislocation lines per unit volume. The
change of b due to dislocation-induced nucleation is on the order of
1. The change of Z is also on the order of 1. The largest change comes
from the nucleation barrier DG*. Assuming that nucleation occurs
in the region of (10 Å  y  30 Å) and within a width of Dx ¼ 20 Å,
the average nucleation barrier DG*/kBT is 241 at 150  C, as compared
to 1613 at a distance of 200 Å away from the dislocation. Thus, the
term exp(DG*/kBT) is 10595 times higher. Given a dislocation
density of 1014m2, N0 is 105 times smaller than the homogeneous
case without dislocations [14]. Therefore, the overall increase of the
nucleation density after the same aging time is predicted to be
10590 times. The calculated boost in the nucleation rate is remarkable and suggests that there is essentially no barrier to nucleation
and it occurs as soon as an Al atmosphere forms and appears
around dislocations. Consequently, a higher number density of
nuclei appears even within the ﬁrst 2 h of extrusion at 150  C
(Fig. 5) and a ﬁne particle spacing is obtained across all grains after
four passes (Fig. 7).
4.2.2. Excess vacancy concentration during the extrusion process
Excess vacancies are primarily generated by dragging jogs on a
dislocation during straining. Their concentrations have been evaluated in a number of studies on Al alloys [23e28]. The method
dates to Militzer et al. [73] and uses the expression below to
calculate the production rate and the steady-state excess vacancy
concentration. We evaluate the steady-state excess vacancy concentration C ex
v in this work using the same approach.

dCv
dC þ
dC  csUε_ Dv Cv
v
j
 v ¼
¼
 2
Qf
dt Net
dt
dt
l
C ex
v ¼

csUε_ l2
Dv Qf

dCv
j
when
¼0
dt Net

where c is a constant of the order of 0.1 [73], s is the stress level
(~500 MPa for the extrusion process), U is the atomic volume
(2.3  1029 m3 for Mg), ε_ is the strain rate equal to 3.2  104 s1
in the present slow ECAE process, and l is the average annihilation
distance for vacancies. l is approximated using the inverse square
root of the dislocation density and therefore l ¼ 107 m2. Qf is the
vacancy formation energy and equals 0.89eV for Mg [74]. Dv is the
vacancy diffusivity and can be calculated using Dv ¼ DA =C eq
v , where
DA is self-diffusivity of Mg and is calculated to be 1.24  1021m2s1
[75] at 423 K. C eq
v is the equilibrium concentration of vacancies and
is 2.51  1011 for Mg at 423 K. Thus, the steady-state excess vacancy concentration can be estimated as 5.2  1010 during the
extrusion process, which is more than one order of magnitude
higher than the equilibrium concentration. In addition, this excess
vacancy concentration should be reached rapidly (<1s) once the
dislocation density rises to ~1014m2, according to Eq. (8). The
excess vacancies will effectively accelerate mass transport and
assist the formation of solute clusters during straining by
enhancing diffusion kinetics, which promotes precipitation nucleation as well.
To better understand the impact of dislocations and vacancies in
this study, compared to earlier reports of dynamic precipitation in
Al alloys, we tabulate evaluations of defect densities in Table 2. Note
that the current extrusion process produces a higher density of
dislocations but a lower steady-state concentration of excess vacancies compared to those in monotonic/cyclic straining in Al alloys. This analysis is based on parameters for pure metals. Alloying
is expected to alter the ﬁgures to some degree. For example, 7xxx Al
alloys have higher vacancy migration energies than pure Al [25,76],
and our earlier simulation study also showed that solutes in Mg will
increase the concentration of excess vacancies that are generated
by dragging <a> dislocation jogs during straining [77]. However,
alloying effects are unlikely to override the qualitative differences
in the table. Therefore, in contrast to reports on Al alloys, herein,
dislocations may carry more importance than excess vacancies in
promoting the thermodynamics and kinetics of intermetallic
precipitation.
Inspecting the material and processing parameters in previous
studies on Al and Mg alloys, we attribute the relatively lower
density of vacancies in the Mg alloy to the following three factors.
First, the vacancy formation energy is higher in Mg compared to Al
[29,74,78]. Second, the vacancy migration energy, which is
embedded in the term of Dv in the denominator of Eq. (9) [27], is
lower in Mg compared to Al [29,78], and a lower migration energy
will facilitate the annihilation of vacancies and thus decrease the
excess vacancy concentration. Lastly, ECAE generates a relatively
higher dislocation density compared to the monotonic or cyclic
straining in Table 2, which leads to a shorter annihilation distance
for the vacancies. The ﬁrst two of these factors are applicable to
other Mg alloys regardless of the mechanical processing route.

(8)

4.3. Dynamic continuous precipitation versus combined reactions

(9)

As shown in Fig. 5, dynamic straining enables the combined
reactions of discontinuous precipitation and recrystallization at
grain boundaries, which gives rise to a submicron and nearly
dislocation-free microstructure. This appears after the ﬁrst pass,
but only in small volumes and only along high-angle grain

Table 2
Comparison of defect density estimation in the present work and in reported dynamic precipitation in Al alloys.
Defect density

ECAE straining in the Mg alloy (this work) Monotonic straining in an Al alloy [25] Cyclic straining in an Al alloy [27,28]
2

~1014 (TEM measurement)
Dislocation density (m )
Steady-state excess vacancy concentration (Cexv) 5.2  1010

~1012 (estimate)
1.0  107

~1013 (estimate)
5.4  105
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boundaries that were present initially, or along low-angle grain
boundaries that formed during the ﬁrst ECAE pass (see Fig. S2 in the
Supplementary Material). Thus, both dynamic continuous precipitation and the combined reactions occur during the ﬁrst pass and
are thought to be complementary to each other at this early stage of
processing. However, as extrusion continues with a second, third,
or fourth pass, these two processes become competitive as the
combined-reaction regions expand and begin to dominate the
microstructure, as shown in Fig. 4. The rising volume fraction of the
combined-reaction region is plotted in Fig. 10, and reaches nearly
50% for the fourth-pass sample. This gradual growth of a combinedreaction zone has been reported in multiple earlier studies [79,80],
but the thermodynamic factors that drive this evolution have
received little attention. Here we consider four thermodynamic
terms that drive the evolution of the microstructure from coarse,
heavily deformed Mg grains with excess Al solute and many
nanoscale Mg17Al12 precipitates to dislocation-free, submicron
grains of Mg and Mg17Al12 precipitates, both with near equilibrium
concentrations of Mg and Al.
The four factors include (1) a reduction in the elastic strain
energy of dislocations with recrystallization, (2) an increase in grain
boundary energy associated with grain reﬁnement, (3) a reduction
of the matrix/precipitate interfacial energy with precipitate coarsening, and (4) a reduction in the chemical potential of the Mg grains
as the Al solute content decreases to a near equilibrium value. In
fact, the four factors arise from two distinct reaction processes:
recrystallization and precipitation. The ﬁrst two factors correspond
to recrystallization and the latter two to precipitation:

DE ¼ DErecrystallization þ DEprecipitation
¼ DEdis þ DEGB þ DEinterface þ DEchem

(10)

The calculated values for each of these terms are listed in
Table 3. The elastic strain energy that is stored in dislocations was
calculated using the approximation Edis ¼ Gb2rdis, where G is shear
modulus, b is the Burgers vector, and rdis is the dislocation density.
rdis was measured to be 1.4 ± 0.2  1014 m2 in the large, deformed
Mg grains and essentially zero in the recrystallized Mg grains. Thus,
DEdis is negative and favors the transformation with a value
of 2.4  105J/m3. To calculate the increase in DEGB, we assumed
that total grain boundary energy scales inversely with grain size
[81]. We also assume a grain boundary energy of 0.5J/m2 [82,83], a
recrystallized grain size of 553 ± 83 nm (Fig. 13(a)), and an initial

Fig. 10. Area fraction of the combined-reaction region as a function of ECAE pass
number. All fractions are calculated based on the back-scatter contrast in Fig. 4.
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Table 3
Change in energy density of microstructure terms associated with
the transformation of the continuous precipitation region into a
combined-reaction region.
Energy term

Energy density (J/m3)

DEdis
DEGB
DEinterface
DEchem

2.4  105
þ2.7  106
8  105
9  107

grain size of 236 ± 67 mm. The calculated change in grain boundary
energy is larger in magnitude (2.7  106J/m3) than DEdis and positive; hence it opposes the transformation to the much ﬁner grain
size. The change in energy of the particle/matrix interfaces, DEinterface, is based on analyses of the TEM micrographs in Fig. 5(k) and
(m) that indicate a volume fraction of 15 ± 3% for the Mg17Al12
intermetallic in the large-grained region and 20 ± 3% in the
combined-reaction region. Accounting for the size and morphology
of the intermetallic precipitates, we estimate a large decrease
of 8  105J/m3 for DEinterface that can drive the transformation, as
detailed in Section 5 of the Supplementary Material.
The fourth factor, DEchem, is the dominant driving force. As
noted earlier, the splitting and shifting of the Mg peaks in the XRD
patterns in Fig. 3 indicate that there is a substantial difference in
the solute concentration between the initial, coarse Mg grains and
the submicron recrystallized Mg grains. Exact concentrations are
revealed in Fig. 11 using EDS mapping under Scanning-TEM mode.
The Al concentration is 5.63 wt% in the coarse Mg grains with
nanoscale precipitates; it decreases to 1.98 wt% in the smaller,
recrystallized Mg grains. The presence of excess solute brings
about a chemical driving force of 9  107J/m3 at 150  C, according to the tangent line analysis in Fig. 9(a). The magnitude of this
energy term is over ten times larger than the magnitude of the
other three factors and clearly favors the microstructure
evolution.
Considering the free-energy change associated with just the
terms most commonly associated with recrystallization (DEdis and
DEGB), we note that the sum is positive, DErecrystallization ¼
DEdis þ DEGB > 0. This indicates that recrystallization into grains this
small is not favored thermodynamically. It becomes possible only
when combined with the precipitation process that lowers the solute content within the grains. This thermodynamic analysis predicts that Mg alloys which are heavily alloyed but fully solutiontreated will favor grain reﬁnement more than pure Mg, dilute Mg
alloys, or Mg alloys that are heavily alloyed but peak-aged. The large,
predicted decrease in DEchem can indirectly promote recrystallization and grain reﬁnement via the combined reactions, potentially at
lower strain values and temperatures. This prediction agrees well
with many observations in previous processing studies [84,85].
The combined reactions that are driven by the redistribution of
solute from the matrix to precipitates, though, requires considerable diffusivity of the Al solute. The dislocation structures, excess
vacancies, and grain boundaries produced by the ECAE process
[86,87] are known to enhance the diffusion through the bulk by
several orders of magnitude [86,88] and here we argue that they
provide more rapid diffusion of the Al solute. Fig. 12(a) is a local
TEM micrograph that captures an intermediate stage of this
transformation process in the fourth-pass sample. The arrow points
to a small Mg grain that contains nanoscale Mg17Al12 precipitates.
The grain was likely part of a much larger Mg grain, but is being
consumed by the combined recrystallization and discontinuous
precipitation process. During this combined process, the nanoscale
Mg17Al12 precipitates in the large grains are thought to dissolve and
the resulting Al, and existing excess Al, diffuse out of the original
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Fig. 11. STEM micrographs and EDS point-scans and mappings of (a) a combined-reaction region and (b) a continuous precipitation region in a second-pass ECAE sample. The
middle column corresponds to the mapping result in the rectangular box to the left. Yellow numbers and points correspond to the point-scan quantiﬁcations that are listed in the
tables to the right. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the Web version of this article.)

Fig. 12. (a) TEM observation of ongoing recrystallization and discontinuous precipitation in the fourth-pass sample, where the combined-reaction region is propagating
into the grain interior that already has continuous precipitates. Pristine submicron
grains correspond to the recrystallized matrix grains. (b) A representative region in the
combined-reaction region where intermetallic particles reside at the edge of a
recrystallized matrix grain. (c) and (d) Transmission EBSD characterization of the
combined-reaction region, presenting the matrix grain and intermetallic particle IPF
mappings, respectively and their relative locations.

grain to form a new, larger Mg17Al12 particle or coarsen an existing
one, i.e., re-precipitation [48]. Concurrently, new Mg grains with
near equilibrium concentrations of Al form, consuming the
remainder of the large, initial parent grain. This hypothesis is
supported by the enlarged micrograph of the combined-reaction
region in Fig. 12(b), where intermetallic particles are located at
the edges of recrystallized matrix grains. Further transmission
EBSD mapping of a more-global area reveals such a distribution of

the intermetallic particles with relatively random orientations in
Fig. 13(c) and (d). Lastly, we note that the recrystallized grains in
Fig. 12(c) reveal a much weaker texture than the initial, large Mg
grains, which will be investigated in detail in future studies.
Another noteworthy observation is the relatively small size
(553 ± 83 nm) of the recrystallized Mg grains (see the size distribution in Fig. 13(a)). The size of recrystallized grains that appear
during thermo-mechanical processing often correlate with deformation rate and temperature, whose effects can be captured by the
Zener-Hollomon parameter Z ¼ ε_ expðQ =RTÞ. In Fig. 13, we survey
the results of previous studies on A9 and AZ91 alloys [37,80,89e94],
and we plot the recrystallized grain size versus the corresponding
Zener-Hollomon parameter for the prevailing processing conditions. Generally, the higher the strain rate and the lower the applied
temperature, the ﬁner the grain size. However, our grain size,
which becomes stable after the second pass, deviates from the
apparent trend and instead is much smaller. We attribute the
reduced grain size to several factors. One is the pinning effect of the
intermetallic particles in Fig. 12 that will retard growth of the
recrystallized Mg grains. This viewpoint is supported by earlier
research [37,38], and in our case, we have a larger density of the
Mg17Al12 particles compared to the other studies, due to the lower
processing temperature of 150  C. Another factor is the much
higher thermodynamic driving force for the combined reactions.
When combined reactions are present, each elemental reaction is
driven by the total free-energy change [48]. In other words, the
discontinuous precipitation process indirectly promotes the
nucleation of new recrystallized grains, increasing their density and
decreasing their ﬁnal size at the lower processing temperature, due
to the large reduction in chemical free energy. Both factors could be
used to guide thermo-mechanical processing of binary alloys to
achieve ﬁne-grained microstructures.
5. Conclusions
In this work, we systematically investigated the evolution of
microstructure in a binary Mg-9wt.% Al (A9) alloy following ECAE
processing at a low temperature and a low extrusion rate. The
ﬁndings of dynamic precipitation and recrystallization were
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Fig. 13. (a) Recrystallized matrix Mg grain size and precipitated Mg17Al12 particle size distributions in the combined-reaction region; (b) Grain size versus Zener-Hollomon
parameter plot for recrystallized grains of A9 or AZ91 [37,80,89e94]. The activation energy, Q, varies from 92 to 135 kJ/mol, depending on the processing temperature.

compared to the microstructure evolution of the same A9 alloy that
was conventionally aged at the same process temperature of 150  C.
The main conclusions are as follows:
(1) Dynamic precipitation and recrystallization during ECAE
produce a duplex microstructure that contains both ﬁnely
spaced, nanoscale Mg17Al12 precipitates in the grain interior
and combined-reaction regions along grain boundaries with
much ﬁner, submicron Mg grains and coarser Mg17Al12 particles. The combined-reaction region is twice as hard as the
grain interiors. The resulting site-speciﬁc hardness levels in
both regions are found to be approximately two times their
counterparts in the conventionally peak-aged sample. Overall the extruded samples are harder than the conventionally
aged samples for an equivalent aging time, and their hardness rises as the combined-reaction region expands with
additional ECAE passes.
(2) Dynamic precipitation in the grain interiors produces a much
higher number density of Mg17Al12 particles with lower
aspect-ratios compared to those seen in the conventionally
aged case. The dislocations that are produced during extrusion are shown theoretically to boost the nucleation rate
dramatically, which leads to a higher density of precipitates.
The production of excess vacancies is thought to enhance the
nucleation rate as well.
(3) While dynamic continuous precipitation and the combined
reactions of recrystallization and discontinuous precipitation
are thought to occur in a complementary manner during the
ﬁrst extrusion pass, they proceed in a competitive manner in
subsequent passes with the combined-reaction regions
growing at the expense of the grain interiors where only
dynamic continuous precipitation occurs. The thermodynamic driving forces for both sets of reactions were estimated and the largest factor for both the continuous
precipitation and the combined reactions was found to be a
reduction in the chemical potential energy of Mg grains as
they reject excess Al solute.
Our results provide signiﬁcant insights into the fundamentals of
dynamic precipitation and recrystallization behavior in a binary Mg
alloy and thus offer potential new paths for designing other Mg
alloys with highly reﬁned precipitates and recrystallized
microstructures.
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