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a b s t r a c t
Conventional aging of magnesium alloys results in a low number density of laths providing poor precipitate
strengthening. We demonstrate that deformation driven precipitation (DDP) of Mg-Al (6 and 9 wt.%) alloys
produces a high density of nanoprecipitates with small aspect ratios within grain interiors. Nanoindentation of
these samples yields much higher hardness values compared to conventionally peak aged samples. The precipitate
number density correlates with the dislocation densities observed in experiments and calculated using a strain
hardening model. We argue that dislocation multiplication increases the number of heterogeneous precipitate
nucleation sites and thereby enhances precipitation.

1. Introduction
The complexity of magnesium (Mg) alloy processing is increasing
with the drive to achieve the right combination of quasi-static and high
strain rate properties required in automobile, aircraft, and defense system applications. Typical process design changes include macro/microalloying with diﬀerent elements and thermomechanical processing to alter microstructural features [1,2]. Several studies have shed light on the
importance of second phase particles (precipitates) for increasing quasistatic strength via dislocation pinning, twin nucleation/interactions, and
altering global yield asymmetries [2–8]. Unfortunately, conventional
aging of Mg alloys produces precipitates with high aspect ratios that lead
to poor strengthening [1,9]. In addition, large precipitates that appear
in conventional aging can serve as sources for void nucleation during
spall, which speeds the onset of fracture, making them less suitable for
applications requiring superior dynamic performance [10,11].
There are several elegant examples of aluminum (Al) alloys in which
deformation was used to induce the nucleation and formation of ﬁne
precipitates with high number densities [12–15]. For example, Sun
et al. demonstrated how room temperature cyclic loading of Al alloys produces solute clusters, and very ﬁne nanoscale precipitates [15].
These microstructures are found to boost material strength and elongation properties. Recent eﬀorts have attempted to create similar microstructures in Mg alloys using deformation to drive precipitation
[16–20].
∗

The key idea behind deformation driven precipitation (DDP) is to
introduce defects such as dislocations and vacancies within the grain
interior via deformation that can aid the precipitation of ﬁne nanoscale
precipitates. Clark showed that small tensile deformation at room temperature, followed by aging at 175 °C for 4 h, produces ﬁne precipitates along dislocations and within twins [21]. In this case, solute atoms
move towards dislocation lines, and the formation of these clusters signiﬁcantly reduces the energy barrier required for nucleation and subsequent precipitation [16]. However, dislocations can themselves move
as the thermo-mechanical processing applies deformation and temperature simultaneously. These mobile dislocations can form a complex substructural environment that can lead to smaller and fewer solute clouds,
which ultimately multiply to produce very ﬁne precipitates [22–26]. In
the case of Al alloys, other defects, such as vacancies that are injected
during deformation, also can play an important role [15]. In Mg alloys, the movement of edge jogs and super-jogs can create vacancies
[27,28]. However, the role of vacancies in enhancing the formation of
precipitates and their growth in Mg alloys is still not clear. Given Mg
precipitates are known to coarsen quickly [21,29], we have strived to
mechanically process at lower temperatures to limit growth and inject
as many heterogeneous sites (dislocations) as possible to enhance nucleation.
Precipitation in Mg-Al alloys involves the formation of an intermetallic Mg17 Al12 particle from the solid solution. The precipitation reaction
in these alloys generally proceeds in two ways that vary with location:
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continuous precipitation within grain interiors and discontinuous precipitation near grain boundaries. The latter is a divorced eutectic type
reaction that morphs into a combined reaction zone during severe plastic deformation [16].
In this study, we used Equal Channel Angular Extrusion (ECAE) to
process two binary Mg alloys: Mg-6Al (wt.%) and Mg-9Al(wt.%), hereafter denoted as A6 and A9, respectively. We describe the enhanced
formation of precipitates in the grain interior for both sets of alloy samples under DDP at 150 °C and compare it to conventional peak aging
(CPA) at the same, relatively low temperature. An examination of the
grain boundary region of the samples shows a complex combined reaction zone whose characteristics have been reported elsewhere [16,30].
Here, we focus on the grain interiors and show that the observed enhancement of precipitation during DDP correlates with the rate of dislocation multiplication predicted for the ECAE process using a strain
hardening model.

the results in Fig. 3 and Table 1. We measured edge-to-edge precipitate spacings normal to the basal plane (L⊥ ) and aspect ratios (P) for
both alloys (Fig. 3a,b). The aspect ratio of each precipitate particle,
treated as an ellipse, is calculated from the measurements of the major and minor axes. Compared to A6 CPA, A9 CPA was found to have
a lower L⊥ and a higher P (Table 1). The average spacing along the
basal plane is hard to quantify as the laths might be out of the plane
of the TEM micrograph. An important observation is that the precipitate distribution in the CPA samples is not entirely uniform, as evident
from Fig. 2a,b. This non-uniformity is common in several Mg alloys that
are conventionally aged [1,3]. We attribute this to the wide distribution in aspect ratio and spacing values seen in both the CPA samples
(Table 1).
The ﬁnal precipitate number density (𝜌𝐴
𝑝 ) is about two times higher
in A9 CPA than in A6 CPA (Fig 3c). We calculate the precipitate nucleation rate by averaging 𝜌𝐴
𝑝 over the total aging time (ta ), and the values
are reported in Table 1. We attribute the higher precipitate nucleation
rate in A9 CPA to a higher chemical driving force. We also calculated
the average area of individual precipitate particles, Ap (see Table 1, and
the distribution in Fig. 3d). The average area of precipitates is larger
in A9 CPA than in A6 CPA, despite a much shorter aging time. This,
we also attribute to the higher chemical driving force. Residual solute
concentration in the matrix after peak aging was calculated from XRD
data using Ref. [31] to be 3.46 wt.% for A6 CPA and 5.51 wt.% for A9
CPA (Table 1), while the equilibrium solute concentration is 2.05 wt.%
at 150 °C. The A9 CPA sees a higher solute content reduction, as a result
of higher overall precipitation rate and growth.
Secondly, we describe our results on DDP samples. The XRD data
of DDP samples shows Mg17 Al12 intermetallic peaks, and TEM observations reveal a higher number density and ﬁner spacing of Mg17 Al12
nanoprecipitates with much lower aspect ratios than the CPA samples,
as seen in Fig. 2c,d, and Fig. 3. The precipitate number density in the
DDP samples is about 3–6 times higher than the CPA samples, and the
precipitate nucleation rate in the DDP samples is about 100–1000 times
higher than the CPA samples (Table 1). This enhancement of the nucleation rate is likely due to dislocation multiplication during ECAE, which
we address later in detail. The higher nucleation rate in the DDP samples is likely limiting growth into large aspect ratio particles (Fig. 3a),
as the higher nucleation density reduces the solute atoms available for
subsequent growth. Comparing the two chemistries, Fig. 3 reveals that
the particles in A6 DDP have a slightly larger P, L⊥ , and Ap compared to
the A9 DDP (Table 1). Residual solute content in the matrix after DDP
was calculated from XRD data using Ref. [31] and is 4.66 wt.% for A6
DDP and 4.82 wt.% for A9 DDP (Table 1). The solute content reduction
is higher in A9 DDP than in A6 DDP, similar to the CPA case.
We present nanoindentation measurements obtained from the grain
interiors for both CPA and DDP samples (Fig. 4a). Both DDP samples
are signiﬁcantly harder than their respective CPA samples (~66% increase for A6 DDP and ~54% increase for A9 DDP). The hardness has
four contributions: precipitate hardening, solute hardening, strain hardening, and grain hardening. We ignore the grain size contribution since
the grains are large, and we measure hardness in the interior part of
the large grains. Contributions from solution hardening are likely to be
similar based on our reported solute content after CPA and DDP. DDP
samples are expected to have a higher strain hardening contribution
than the CPA samples due to the high plastic strains during ECAE, but
this contribution is expected to be lower in hardness measurements compared to yield strength measurements as hardness is determined at an
average plastic strain of approximately 8% [32]. Since the hardness values correlate with the variations in precipitate spacing and precipitate
density, we attribute most of the hardness increase from A6 to A9 and
from CPA to DDP to higher precipitate densities (Fig. 3d).
We argue that few dislocations are present following solutionizing at
high-temperatures, as evidenced by the TEM studies on earlier papers
[13,27]. Thus, during conventional aging at 150 °C, very few dislocations are available to serve as heterogeneous nucleation sites, and hence

2. Experimental methods
We purchased the model Mg-Al binary alloys with two diﬀerent Al
concentrations (A6 and A9) from Magnesium Elektron North America
(MENA), Madison, IL. The two ingots were solutionized by holding them
at 385 °C for 6 h, followed by 420 °C for 16 h, and then immediately
quenching in cold water. Chemical analysis carried out by optical emission spectroscopy indicated no signiﬁcant impurities, as highlighted
in the supplementary Table S1. We cut samples measuring 10 mm by
10 mm by 1 mm and conventionally aged them for various times in a
silicone oil aging bath at 150 °C. The peak aging time was 480 h for A6
CPA and 163 h for A9 CPA. We also cut samples of 6 mm by 6 mm by
19 mm and carried out DDP using ECAE along the 4Bc route at 150 °C.
The total time at 150 °C for ECAE of both A6 DDP and A9 DDP was
approximately 8 h, but the cumulative time of DDP during the extrusion process was found to be around 3.2 h for both, as shown in the
supplementary Table S2.
We conducted symmetric X-ray diﬀraction (XRD) experiments on the
CPA and DDP samples using a Bruker D8 diﬀractometer to track precipitate evolution. Two-theta was scanned from 30° to 80° with a 0.003°
increment and a dwell time of 0.5 s. We also cut samples into thin slices
for microscopy characterization using a diamond wire saw. They were
then mechanically polished to a 45–50 μm thickness using pads of varying grit sizes (800–1200) and water. The ﬁnal step involved using a cloth
pad and water-free 0.05 μm colloidal silica solution to create a smooth,
scratch-free surface. We then punched 3 mm diameter circular disks and
thinned them in a GATAN precision ion polishing system (PIPS). PIPS
was carried out at −100 °C to perforate a small hole at the center of the
disk for transmission electron microscopy (TEM) observations. We employed a ﬁeld emission gun TF30 TEM microscope operating at 300 kV
to characterize precipitates in these samples. We also performed sitespeciﬁc nanoindentation testing to probe the hardness change within
grain interiors, using a Berkovich tip to indent samples to a 200 nm
depth at a constant strain rate of 0.2 s−1 .
3. Results and discussion
We veriﬁed that the starting microstructures of both A6 and A9 were
clean before conventional or dynamic aging. XRD of the fully solutionized A6 and A9 samples showed no inter-metallic peaks suggesting that
the initial samples are devoid of precipitates. We also characterized
these samples via optical and TEM microscopy techniques and could
not detect precipitates within grain interiors or near grain boundaries.
First, we describe our results on CPA samples. XRD patterns in Fig. 1
reveal signiﬁcant precipitate peaks in both A6 CPA and A9 CPA samples.
TEM observations on these samples showed the presence of long laths
on the basal plane in the grain interiors, as shown in Figs. 2a,b. We
used Fig. 2 to perform statistical analysis on precipitates and present
2

S.E. Prameela, P. Yi, B. Medeiros et al.

Materialia 9 (2020) 100583

Fig. 1. Full and enlarged XRD diﬀractograms of the CPA (blue trace) and DDP (red trace) A9 samples in (a) and (b), and CPA (blue trace) and DDP (red trace) A6
samples in (c) and (d), respectively.

Table 1
Statistical analysis of precipitate morphology.
#

Parameters / Symbol

1
2
3
4
5
6
7
8

Total aging time, (hours)
Aspect ratio
Spacing, (nm)
Precipitate areal number density, (1012 m−2 )
Precipitate nucleation rate, (107 m−2 s−1 )
Final matrix solute concentration, (wt.%)
Solute concentration reduction, (wt.%)
Average precipitate area, (103 nm2 )

ta
P
L⊥
𝜌𝐴
𝑝
ṗ
cf
Δc
Ap

A6 CPA

A9 CPA

A6 DDP

A9 DDP

480
11.84 ± 8.92
199.47 ± 104.35
14.40
0.83
3.46
2.54
9.88 ± 7.41

163
14.36 ± 9.27
96.41 ± 39.87
29.90
5.10
5.51
3.49
13.34 ± 8.15

3.2
3.6 ± 1.43
39.93 ± 15.75
86.7
752.60
4.66
1.34
5.23 ± 2.05

3.2
1.46 ± 0.24
32.57 ± 11.14
101.3
879.34
4.82
4.18
4.28 ± 1.81

model, the dislocation density, 𝜌, evolves as a function of strain as

signiﬁcant aging times (~6–20 days) are needed to reach the peak hardness. This also explains the non-uniformity in the distribution of precipitates seen in both CPA samples. In contrast, during DDP, a high number density of mobile and forest dislocations created during extrusion
can lead to signiﬁcant enhancement in the precipitate nucleation rate.
Therefore, the eﬀective deformation driven precipitation time reduces
to 3.2 h for the DDP sample, which is 1–2 orders of magnitude lower
than the time for CPA samples.
Here we consider dislocation-based models to predict dislocation
density evolution during extrusion. The models of Kocks [34], Estrin and
Mecking [35], Malygin [36], and Lukác-Balík [37] have been summarized by Lukác and Balík [37,38]. Based on the most recent Lukác-Balík

𝑑𝜌
= 𝐾1 + 𝐾2 𝜌1∕2 − 𝐾3 𝜌 − 𝐾4 𝜎𝜌3∕2 ,
𝑑𝜀

(1)

where the ﬁrst term is dislocation nucleation and multiplication due to
impenetrable obstacles (grain boundaries, incoherent precipitates, dispersed particles), and is proportional to the density of these obstacles.
It is assumed to be a constant during the ECAE processing, although
in reality, both the grain and precipitate microstructures will change.
The second term is dislocation multiplication by forest dislocations, and
the third and fourth terms are dynamic recovery, i.e., dislocation annihilation due to cross-slip and climb, respectively. The other models
3
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Fig. 2. TEM micrographs viewed close to the <112̄ 0> zone axis showing a coarse distribution of Mg17 Al12 laths in conventional peak aged (a) A6 and (b) A9 CPA
samples and a dense distribution of Mg17 Al12 nano precipitates in deformation driven precipitates in (c) A6 and (d) A9 DPP samples.

experiments in Ref. [41] to the ECAE temperature used in this study (150
°C). Although AZ91 was used instead of the A9 binary alloy, the values
of A, B, C, D parameters are consistent with other binary alloys. Therefore, we do not expect that this replacement will result in signiﬁcant
diﬀerences.
Each ECAE pass has an equivalent strain of 115.47% [42], and the
dislocation density is reported to saturate after four passes [43]. The
modeling predicts ﬁnal dislocation densities in A6 and A9 of approximately 0.43 × 1014 m−2 and 2.9 × 1014 m−2 , respectively. These values agree with experimental measurements for the ECAE Mg alloys,
0.127 × 1014 m−2 for A6 in this study, and 1.4 × 1014 m−2 for A9 [16].
The dislocation density saturates faster in A6, suggesting that shorter
processing time (number of ECAE passes) may be required compared to
A9.
Based on modeling results, the saturated dislocation densities in the
DDP samples are approximately 10× higher for A6 and 60× higher
for A9 compared to the un-deformed CPA samples. Therefore, dislocation assisted nucleation rates should also be much higher. We show in
Table 1 that the precipitate areal number density in DDP samples is
6 × higher for A6 and 3× for A9 compared to CPA samples, while precipitate nucleation rates in DDP samples are 900× and 172× higher for
A6 and A9, respectively. It is to be noted that both the precipitate areal
number density and precipitate nucleation rate is higher in A9 DDP sample when compared to A6 DDP sample. The rise in precipitate nucleation
rates during extrusion is far higher than the corresponding increase in
dislocation number density (𝜌) and is more consistent with 𝜌2 . Considering that the number of junctions of a pair of dislocations scales as 𝜌2 ,
this might suggest that it is the junctions, instead of single dislocations,

mentioned above only include two or three of the terms in the LukácBalík model. Correspondingly, the work hardening rate is,
(
)
(
)3
𝐴
𝑑𝜎
Θ≡
=
+ 𝐵 − 𝐶 𝜎 − 𝜎𝑦 − 𝐷 𝜎 − 𝜎𝑦 ,
(2)
𝑑𝜀
𝜎 − 𝜎𝑦
where 𝜎 y is the yield stress, and parameters A, B, C, and D are proportional to Ki (i = 1,2,3,4), respectively. 𝐴 = 𝑀 3 (𝛼𝐺𝑏)2 (𝜀̇ ∕𝜀̇ 0 )2∕𝑛 𝐾1 ∕2,
1

𝐵 = 𝑀 2 𝛼𝐺𝑏(𝜀̇ ∕𝜀̇ 0 )1∕𝑛 𝐾2 ∕2, 𝐶 = 𝑀 𝐾3 ∕2, and 𝐷 = ( 𝜀̇𝜀̇ )− 𝑛 𝐾4 ∕(2𝑀 2 𝛼𝐺𝑏),
0

where b is the Burgers vector, G is the shear modulus of value 18 GPa,
𝛼 is a numerical constant assumed to be 1.0 [39], and M is the Taylor
factor which assumes the value of 4.5 [39]. Strain rate 𝜀̇ is chosen to
be 10−4 s−1 for this analysis and 𝜀̇ 0 is a normalization parameter. The
stress exponent n is on the order of 102 [37,40], so (𝜀̇ ∕𝜀̇ 0 )1∕𝑛 can be approximated to be 1.0. By ﬁtting tensile test data for Mg-Al alloys [41] to
Eq. (2), similar to Ref. [23], we can obtain the parameters A, B, C, and
D, as summarized in Table 2.
Parameter A is proportional to the density of impenetrable obstacles,
e.g., the inverse of grain size or spacing between incoherent precipitates.
An alloy with higher solute concentration produces a high number of
precipitates [16], and therefore has a higher value of A, which is consistent with the ﬁtting results. Parameter B is a geometrical factor that
remains relatively constant. The small value of C suggests that cross-slip
is not signiﬁcant, and the reduction of D with concentration is probably
due to the lowering of the stacking fault energy [23]. Inserting the value
of Ki (i = 1–4), calculated from A, B, C, and D, into Eq. (1) and using an
initial value of 𝜌0 = 5 × 1012 m−2 [33], we obtain the dislocation density
as a function of strain through integration, and the results are shown in
Fig. 4b. Parameters C and D were rescaled from room temperature for
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Fig. 3. Cumulative density plots of (a) aspect ratio, (b) spacing between precipitates, and (c) precipitate areal number density, and (d) area of the individual
precipitate particles for A6 CPA, A9 CPA, A6 DDP, and A9 DDP samples.
Table 2
Fitting parameters used for the Lukác-Balík strain hardening model, Eq. (2), based on the experimental data in Ref. [41]. We plot the ﬁtting data in supplementary Fig. S1.
Al (wt.%)

A (104 MPa2 )

B (103 MPa)

C

D (10−4 MPa−2 )

𝜎 y (MPa)

1
2
4
6a
8
9b

0.94 ± 0.29
1.82 ± 0.29
10.16 ± 1.63
11.70 ± 0.99
6.65 ± 2.05
16.55 ± 4.75

1.57 ± 0.15
1.48 ± 0.12
0.82 ± 0.48
1.01 ± 0.48
1.42 ± 0.58
0.42 ± 1.14

0.0 ± 2.1
0.0 ± 1.25
0.0 ± 3.79
0.0 ± 4.55
0.0 ± 4.83
0.0 ± 7.84

5.53 ± 0.62
2.99 ± 0.24
0.88 ± 0.48
1.08 ± 0.66
1.02 ± 0.74
0.03 ± 0.87

44.7 ± 1.4
45.2 ± 0.9
41.5 ± 1.3
48.7 ± 0.3
79.2 ± 3.0
86.5 ± 3.3

a

C is ﬁxed to zero for A6, as ﬁtting in all the other cases produces 0.0 for C.
Data from AZ91 alloy, which compositionally is very close to A9 binary alloy. The other cases
are all binary alloys.
b

that are responsible for nucleation enhancement during DDP, since the
junctions provide stronger solute segregation and stronger stress ﬁelds
[44,45]. Furthermore, these dislocation intersections which scale as 𝜌2
often create jogs that in turn generate vacancies, which can potentially
enhance nucleation.
The enhancement of the precipitate nucleation rate by ECAE in A6 is
much more signiﬁcant than in A9, possibly because the chemical driv-

ing force in A9 is much higher, and thus the dislocation enhancement
eﬀect is less eﬀective. We also assumed, for the nucleation rate estimation, that precipitate number increases linearly during the entire aging
time, but, coarsening and solute reduction can both cause changes in
precipitate density. It is also worth noting that during DDP, the mobile
dislocations are expected to have smaller solute clouds compared to immobile dislocations [46]. Therefore, their contribution to precipitation
5
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to the higher chemical driving force, as well as higher predicted dislocation densities in the A9 samples and hence a higher nucleation rate.
Lastly, we suggest that predictions of dislocation evolution using strain
hardening models can be used to guide adjustments of the times and
conditions for DDP, which ultimately may help design materials with
superior microstructures and properties.
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